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Rapidly solidified Al-Fe-Mo-Si powders were produced by centrifugal atomization and then
consolidated by hot extrusion. Five compositions were chosen in order to obtain a
theoretical constant volume fraction of (silicide + Al12Mo) of 20%, with different relative
fractions of [silicide]/[α-matrix] and different ratios of [Fe]/[Mo] within the silicide. This
paper presents the microstructures observed in both as-atomized and consolidated states.
The only phase detected by X-Ray Diffraction, the non equilibrium ternary
Al12-13(Fe,Mo)3Si, exhibits different sizes and morphologies and is inhomogeneously
distributed within the matrix. Accurate electron microscopy observations indicate that this
silicide may grow from a quasicrystalline precursor. Grains within the polycrystalline
silicide often exhibit orientation relationships (micro twinning) giving rise to
quasicrystalline-like patterns. C© 2003 Kluwer Academic Publishers

1. Introduction
Due to the problem of strength loss resulting from
overaging at service temperature, heat treatable alu-
minium alloys are not suitable for high temperature
applications. This can be avoided through hardening
by thermally stable intermetallic compounds or oxides
and/or carbides. The aeronautical industry needs for
lightweight creep resistant alloys impose the choice of
aluminum based alloys. By addition of transition ele-
ments, and/or, rare earth metals, to aluminum whose
solubility and diffusivity are very low, intermetallic
compounds that remain stable up to 300 to 400◦C can be
easily precipitated. Since the processing of such alloys
through ingot metallurgy will promote precipitation of
embrittling coarse particles, rapid solidification from
the melt is required. Among possible candidates, those
based on the Al-Cr and Al-Fe systems have led to in-
dustrial development: extrusions, sheets or forgings of
Al-Cr-Zr, Al-Fe-Ce alloys (8019) and Al-Fe-V-Si al-
loys (8009) are already available and exhibit improved
properties at high temperature as compared to conven-
tional 2024-T3 or 7175-T7 alloys.

Processing the Al-Fe-Si alloy family through rapid
solidification route results in the precipitation of very
fine, round shaped Al-Fe-Si phase, hence, a high level
of mechanical properties is achieved. Introduction of
a fourth element such as vanadium stabilizes the BCC

Al12-13(Fe,V)3Si phase improving the Ostwald ripen-
ing resistance and hence delaying the formation of the
stable Al8Fe2Si (hexagonal) and Al3Fe (monoclinic)
phases. This alloy exhibits a coarsening rate that is two
to three times lower than the current alloys [1]. Such
a stabilization is attributed to modification of the ma-
trix/silicide interface’s energy through changes in lat-
tice mismatch due to substitution of vanadium on the
iron sites [2, 3].

The main limitations in the development of this al-
loy are the formation of the Al3Fe equilibrium phase
above 727◦C [4, 5] and the existence of a ductility drop
due to dynamical strain aging. In classical aluminum
alloys containing fast diffusers, this latter phenomenon
takes place at room temperature. For high temperature
aluminum alloys, the lower diffusivity of the alloying
elements makes this phenomenon appear at a higher
temperature range [6, 7], which is likely to be chosen
for further material forming.

For this study Mo was chosen rather than V in order to
obtain a finer precipitation [8], postpone the formation
of the embrittling Al3Fe phase [9], and take advantage
of a possible hardening by Al12Mo. Finally, the lower
diffusivity of Mo compared to V could shift the dy-
namic strain aging effect towards still higher tempera-
tures. To check respectively the influence of the silicide
and the Al12Mo phases, and of the ratio [Fe]/[Mo] in
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T ABL E I Chemical compositions, theoretical volume fraction (%)
and atomic ratio [Fe]/[Mo] in the silicide, alloys nomenclature. The
theoretical volume fraction, [silicide] + [Al12Mo], is 20%

Nominal compositions Silicide (%) [Fe]/[Mo] Nomenclature

Al-3.68 Fe-0.25 Mo-1.31 Si 20 15/1 2015/1
Al-3.57 Fe-0.36 Mo-1.31 Si 20 10/1 2010/1
Al-3.27 Fe-0.66 Mo-1.31 Si 20 5/1 205/1
Al-2.50 Fe-0.80 Mo-1.00 Si 16 5/1 165/1
Al-1.99 Fe-0.99 Mo-0.85 Si 12 5/1 125/1

the silicide, several alloys compositions were studied
(please refer in Table I).

2. Experimental procedure
The alloys were prepared at 1250◦C under argon by in-
duction melting pure aluminum, Al-Fe and Al-Si mas-
ter alloys, and molybdenum chips under a boron ni-
tride film protection. Then there was homogenization
for 45 min and finally, chill casting in a graphite mould.
The obtained ingot was re-melted and homogenized
for 15 min. Centrifugal pulverization was used as the
processing route instead of the planar flow technique
industrially developed for manufacturing the 8009 al-
loy. This procedure was carried out in a device de-
scribed by Ziani and Michot [10]: when the melted
alloy was overheated up to ∼150◦C above the liquidus
temperature, the melt was streamed through the cru-
cible nozzle onto a spinning disk to be divided on its
periphery into small elongated droplets which evolved
to spherical ones during solidification. The metal flow
rate was generally between 1 and 5 g/s. Half of the
powder mass obtained is composed of particles with
a diameter smaller than 80 µm. The powder batch is
then divided into different size fractions. The 50 to
100 µm fraction considered in this study is canned and
degassed at 350◦C for 3 h. The can is sealed and ex-
truded at 400◦C through a conical die (extrusion ratio
25:1) under a ram speed of 0.76 mm/s. Phase deter-
mination is mainly achieved through X-ray diffraction
(XRD) using filtered Co Kα radiation. The microstruc-
tures are characterized by electron microscopy (SEM
and TEM). Table II presents the chemical analysis re-
sults for the different alloys. The obtained compositions
(oc) are close to the aimed compositions (ac).

3. Powder characterization
3.1. Phase identification
Neither the Al3Fe nor the Al12Mo stable phases are
detected in the powder by XRD. Except for the α-Al
matrix diffraction peaks, the other peaks are very sim-

T ABL E I I Chemical analysis results (ac = aimed composition and
oc = obtained composition)

2015/1 2010/1 205/1 165/1 125/1

Element a.c. o.c. a.c. o.c. a.c. o.c. a.c. o.c. a.c. o.c.

Fe 3.68 3.21 3.57 3.25 3.27 3.09 2.50 2.33 1.99 1.79
Mo 0.25 0.25 0.36 0.32 0.66 0.59 0.80 0.54 0.99 0.74
Si 1.31 1.07 1.31 1.3 1.31 1.26 1.00 0.85 0.85 0.70

ilar to those reported by Vadusevan and Fraser [9] for
the Al-Fe-Mo-Si silicide. A decrease in the lattice pa-
rameter of the silicide phase with the [Fe]/[Mo] ratio
and an opposite variation of the matrix parameter were
noticed. It can be deduced that:

– substitution of Mo on the Fe sites has the same
effect as Cr or V [8], thus the matrix/silicide interface
energy could be monitored through substitution of Mo
to Fe in order to decrease Ostwald ripening,

– the least Mo there is in the silicide, the lower will
be the Mo supersaturation in the matrix (the lattice
parameter of the α-Al decreases with the Mo content
[11, 12]).

3.2. Microstructures
3.2.1. Particles’ surface
The powder particles are nearly spherical. A large num-
ber of different microstructures can be observed on
surfaces of as-solidified particles which can be either
precipitation free and cell type (Fig. 1a), or smooth
(Fig. 1b) or partially free (Fig. 1c), or showing cells
originating from precipitates (Fig. 1d).

During the atomization process, as soon as solidi-
fication starts, the hypothesis of an externally driven
radial heat flow stops to hold true [13, 14]. A solidifica-
tion mechanism in which the solidification front moves
from the exterior outside towards the bulk of the par-
ticle cannot account for the observed microstructures.
In other words the freezing conditions and the shape of
the solidification front will depend on prior undercool-
ing and local heat flow. This is very much influenced
by nucleation events and thus, local latent heat release.
Large undercooling prior to solidification is expected
from the atomization technique because the small size
of the “ingot” limits the number of potential nuclei and
because solidification takes place without contact with
a mould wall. Could such conditions lead to the pre-
dendritic growth described many years ago [15] and
subsequently observed in some rapidly solidified al-
loys? Such growth requires an undercooling important
enough for the liquid to transform itself into a solid
without any change in the composition, i.e., through a
diffusionless process. Such a mechanism seems to take
place in the particle shown in Fig. 1c. The observa-
tion suggests that undercooling of the particle is large
enough for nucleation to take place (somewhere on the
smooth part of the particle) and for the solidification
front to be quickly driven up to the point of comple-
tion of recalescence (on an outer part of the smooth
zone). Then, solidification will take place at a temper-
ature close to that of equilibrium, with a smaller rate
imposed by the thermal exchange with helium gas. This
slowing down of the front mobility enhances the dif-
fusion in the liquid and results in an increase in size
of the silicides with distance to the nucleation point.
The composition of the smooth part must be very close
to that of the alloy. On the contrary, it appears that
the brighter inner part of the radial features observed in
Fig. 1d contains a much higher proportion of heavy ele-
ments than the darker surrounding matrix. This suggests
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Figure 1 SEM observations: (a) cellular solidification (alloy 165/1, secondary electrons), (b) smooth particle (alloy 2010/1, secondary electrons),
(c) heterogeneous microstructure of a particle surface (alloy 205/1, secondary and backscattered electrons), and (d) matrix cellular growth from the
surface precipitates (alloy 165/1, secondary electrons).

that an intense surface, as well as a bulk precipitation
precedes a cellular radial growth. The observation of
cells (Fig. 1a) on the whole surface implies that exter-
nal surface is the ultimate position of the solidification
front, i.e., solidification is not controlled by the cool-
ing atmosphere but by the undercooling which allowed
nucleation in the bulk of the particle.

3.2.2. Particles cross section
Observation of the sections (Fig. 2a, b and c), confirms
the non radial character of solidification. An excep-
tion can be noticed perhaps on some uniform depleted
zone noticed on the outer part of the particles (Fig. 2d).
Fig. 2a has to be correlated with Fig. 1c. A transition is
observed between the undercooled regime (precipitate
free zone) and the quasi-equilibrium regime (silicide
precipitation). In the same way, Fig. 2b and c could be
linked to Fig. 1d. The depleted zones are observed both
when a transition from precipitate free to near equi-
librium regime occurs and when the undercooling is
low, in other words, in the absence of such transition
(Fig. 2d).

The increase in particle’s size next to the precipitate
free zone means that there is a velocity decrease of
the solidification front which moves from the particle’s
interior to the particle’s exterior at temperatures close to
equilibrium. As there is no coarse silicide precipitation

in the precipitate free zone after heat treatment, it is
probable that most part of the solute was used up during
the coarse precipitation at the zone boundary, or that the
outer shell was solidified before rejecting the solute, or
that it was solidified in the end because the amount of
solute in the remaining liquid was low and of a low
melting point. In both situations, the thermal regime
is controlled simultaneously by undercooling and by
convection [13], but the heat flux is radial, as seen in
micrographs 2a and 2c, which show the orientation of
the cellular precipitation.

3.2.3. Phase morphologies
Scanning electron microscopy shows at least two dif-
ferent precipitate morphologies. The first one, (Fig. 3),
is a type of composite phase presenting a shell of
precipitates surrounding a core of a different nature
(“doughnuts”), probably resulting from thinning (TEM
observation) or polishing (SEM observation). This affir-
mation is based on the fact that the core is preferentially
attacked by the Keller reagent.

The second morphology (Fig. 4) corresponds to a
bulky form, almost polygonal. The cellular microstruc-
ture developed in the powder is fine and can sometimes
not be resolved by SEM.

Transmission electron microscopy observations
indicate microstructural variations which probably
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Figure 2 SEM observations of particle sections. Solidification microstructure (Keller reagent—5 s): (a) transition between a precipitate free zone and
a region with second phases (alloy 2010/1, backscattered electrons), (b) matrix cellular growth from the inner precipitates (alloy 2010/1, backscattered
electrons), (c) surface and inner nucleation (alloy 2010/1, backscattered electrons), and (d) outer silicide free zones (alloy 205/1, secondary and
backscattered electrons).

Figure 3 SEM observation of a particle section (alloy 165/1, secondary
electrons, Keller reagent—5 s): composite precipitates.

represent changes in the solidification rate (Figs 5 to 9).
This leads to different sizes of microcells (from 0.1 µm
in Fig. 5 to 0.6 µm in Fig. 6). At least five different mi-
crostructures could be distinguished: a more or less con-
tinuous inter-cellular precipitation of silicides (Fig. 6),
distinct silicides (Fig. 7), bulky polygonal precipitates
(Fig. 8), aggregates forming nodular precipitates, and
composite phase precipitation (Fig. 9). The two latter
types will be described in details in Section 4.2.2. Most

Figure 4 SEM observation of a particle surface (alloy 2015/1, secondary
electrons, Keller reagent—5 s): bulky morphology, almost polygonal.

of these microstructures were also detected in Al-Fe-
V-Si alloys produced by melt spinning or atomization
[8, 16–19].

The dispersoids are thought to form directly from the
supersaturated liquid. Their growth interferes with the
moving solid/liquid interface. According to [19], the
precipitation is mainly intercellular at low solidifica-
tion rate. Higher solidification rates lead to a deepen-
ing of the grooves at the cell boundary and subsequent
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Figure 5 TEM observation of cell decomposition into distinct precipi-
tates (marker = 0.25 µm).

Figure 6 TEM observation of cell walls formed by semi-continuous
silicides (marker = 0.3 µm).

Figure 7 TEM observation of a transition zone from fine silicides to
coarse cells (marker = .4 µm). The diffraction pattern presented is rela-
tive to the region of fine precipitation. (011) matrix plane. The external
ring corresponds to the main diffracting plane of the silicide (611/532,
see Table III).

collapse of the side walls to pinch off liquid droplets.
This gives rise to a characteristic dispersoid morphol-
ogy. Very similar morphologies are noticed here. Ob-
servations at higher magnification confirm that the in-
tercellular phase is discontinuous (Fig. 7) but, because
of the rounded shapes of the silicides, one can sus-
pect some decomposition through an Ostwald ripen-
ing mechanism during recalescence [3, 16]. Different
steps of this decomposition can be seen Figs 5 to 7 (all

Figure 8 TEM observation of bulky silicides with polygonal form
(marker = 0.4 µm). (035) cubic silicide plane.

TEM micrographs presented in this section are obtained
from composition 165/1). Recalescence is also proba-
bly at the origin of the decrease in the solidification
rate leading to a coarsening of the silicides shown in
Fig. 7.

4. Characterization of the as-consolidated
material

4.1. Phase identification
In as-consolidated alloys, only silicides were detected
by X-ray diffraction (Table III). After 100 h at 480 or
550◦C, the Al12Mo phase precipitates only in alloys
with an Mo content greater than 0.7 at.% (165/1 and
125/1). In this case the precipitation occurs more eas-
ily than for the R.S powder, since the peaks related
to this phase appear only after 100 h at 300◦C for the
125/1 alloy [20]. The same behavior was already ob-
served in Al-Mo binary alloys [20]. In the alloys con-
taining only the silicide (2015/1, 2010/1 and 205/1) the
Al12Mo phase is only detected after 100 h at 550◦C (the
silicide decomposes and releases Mo atoms that pre-
cipitate as Al12Mo). This phase is stable until around
700◦C.

The amount of Mo in solution in the matrix or in the
silicide could be estimated by measuring the lattice pa-
rameters. Even though the calculation of absolute con-
centration is not necessarily accurate enough, it helps
in estimating the variation. Table IV presents the results
obtained for the matrix.

In the as-extruded condition, always considering ex-
perimental inaccuracy, it could be assumed that the
solid solution was not surpersaturated for alloys with
theoretical volume fraction of 20% of silicide (2010/1
et 205/1) because the lattice parameter is close to that
of pure aluminum (4.0496 Å). During extrusion, diffu-
sion of the iron and silicon atoms (facilitated by strong
plastic deformation) is high enough to allow the pre-
cipitation of silicides around the Mo atoms: all molyb-
denum available is thus consumed for its formation.
Alternatively, the lattice parameters of the alloys capa-
ble of Al12Mo phase precipitation are lower than the
pure aluminum parameter. As it has been mentioned
before, we can suppose that all the silicides were pre-
cipitated and that the supersaturation detected was due
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T ABL E I I I Identification of the silicide Al-Fe-Mo-Si phase in the as-consolidated alloys (n.b.: spp Al means superposition with a matrix peak)

Vasudevan et al. [9]

Silicide peaks I/I0 d (Å)
2010/1
d (Å)

205/1
d (Å)

165/1
d (Å)

125/1
d (Å)

220 17 4.47 4.4584 4.4758 4.4612 4.4666
310 45 3.99 3.9816 4.0012 3.9916 4.0011
222 17 3.65 3.6354 3.6552 3.6422 3.6568
321 18 3.37 3.3664 3.3831 3.3748 3.3825
431/510 16 2.48 2.4697 2.4816 2.4727 2.4770
521 28 2.31 spp Al spp Al spp Al spp Al
433/530 71 2.16 2.1603 2.1705 2.1641 2.1666
600 33 2.10 2.0991 2.1095 2.1024 2.1055
532/611 100 2.05 2.0432 2.0528 2.0466 2.0496
620 19 2.00 1.9902 spp Al spp Al spp Al
770/853/941 20 1.27 1.2733 1.2803 1.2744 1.2763
a mean (Å) 12.63 ± 0.03 12.597 ± 0.009 12.651 ± 0.013 12.617 ± 0.008 12.641 ± 0.012

T ABL E IV Evolution of the matrix lattice parameter a (Å), with composition (the given uncertainty corresponds to the standard deviation in the
fit of the curve a (cotgθ ) plus the experimental inaccuracy which is of about 10−4)

Condition 2010/1 205/1 165/1 125/1

As-extruded 4.0487 ± 8 × 10−4 4.0503 ± 6 × 10−4 4.0485 ± 7 × 10−4 4.0478 ± 5 × 10−4

Figure 9 TEM observation of different features of the composite precipitates according to its position within the sample (marker = 0.3 µm, alloy
165/1). Diffraction pattern on the core of the central precipitate (black) corresponds to a (011) plane of aluminum.

to an excess of Mo atoms (the molybdenum did not
precipitate during extrusion). Comparison between the
165/1 et 125/1 alloys lattice parameters [20] leads to a
calculated Mo amount in solid solution lower than the
aimed value. This is consistent with the reduction of
the total Mo amount detected by the chemical analysis
(Table II).

The alloys in the as-consolidated condition present
noticeable differences in the lattice parameter. To deter-
mine why this is we have calculated the Fe/Mo ratio in
the silicide by assuming the following hypotheses: there
are no iron or silicon atoms in the matrix and are only
considered the stoichiometric deviations of the silicide
composition due to silicon substitution in the aluminum
lattice or molybdenum in the iron lattice (in other words
the ratio of number of sites of Al + Si (114) and the
number of sites of Fe + Mo (24) remains constant).
The (Al + Si)/(Fe + Mo) ratio used (4.75) is reason-
able since values can be found in literature for ranges
of 4.72 to 4.81 for Al-Fe-Mo-Si alloys [9]. Using these
hypotheses, the Mo concentration in the solid solution
can be deduced from the matrix’s lattice parameter. The
chemical composition of the silicide and consequently

the Fe/Mo ratio are then determined by knowing the
alloy composition. Skinner et al. [8] proposed that the
silicide lattice parameter must increase with the molyb-
denum content (decrease with the Fe/Mo ratio). In the
as-consolidated condition, the parameter does increase
in this way from the 2010/1 alloy ([Fe]/[Mo] = 10.2),
165/1 ([Fe]/[Mo] = 6.7), 125/1 ([Fe]/[Mo] = 5.2) to
205/1 ([Fe]/[Mo] = 5.3). The evolution of the sili-
cide through an optimal composition seems to occur
as shown in Table V by depletion of Mo in alloys 205/1

TABLE V Comparison between the aimed and calculated [Fe]/[Mo]
ratio (left side columns). Comparison between the measured and extrap-
olated mean lattice parameters from Skinner et al. [8] for the silicide

Aimed Calculated Measured Skinner et al. [8]
Alloy Fe/Mo Fe/Mo a (Å) a (Å)

2015/1 15/1 14.1/1 12.580 ± 0.02a 12.600 ± 0.002
2010/1 10/1 10.2/1 12.597 ± 0.009 12.609 ± 0.002
205/1 5/1 5.3/1 12.651 ± 0.013 12.635 ± 0.002
165/1 5/1 6.7/1 12.617 ± 0.008 12.613 ± 0.002
125/1 5/1 5.2/1 12.641 ± 0.012 12.631 ± 0.002

aComposition 2015/1, value obtained in the powder.
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and 125/1 (slight decrease of the parameter) and by
enrichment in the 2010/1 alloy (slight increase of the
parameter). However this observation is not completely
confirmed by the corresponding variations in the ma-
trix. The calculated values of the [Fe]/[Mo] ratio and
the respective measurements of lattice parameters are
presented in Table V for the different alloys. These are
very close to the values of the parameters extrapolated
from the experimental results of Skinner et al. [8] for
similar [Fe]/[Mo] ratios. It might be said that the calcu-
lated [Fe]/[Mo] ratios are very close to the aimed values
(second left side column).

4.2. Microstructures
4.2.1. Morphology and stability

of the silicides
The microstructural diversity observed in the powders
can also be observed in the consolidated material. Lon-
gitudinal sections show band structures produced by
extrusion process. The boundaries between the prior
particles are revealed by different sizes and volume
fraction of precipitates [20]. The same comment could
be made for transverse sections. It seems that neither
the degassing nor the hot extrusion modify the coarse
precipitate morphologies.

As said before, the differences in powder particles’
size and morphology, produced by changes in the so-
lidification rate and/or in chemical composition, help to
identify the boundaries between the prior powder par-
ticles in the consolidated material (Figs 10–12). The
grain size changes with the type and distribution of pre-
cipitates, but the mean size is of the order of 1 µm. Only
the cells walls are broken by the intense plastic shear-
ing during extrusion (Figs 10–12). The fragments of the
cell walls are identified as the cubic silicide through se-
lected area diffraction pattern (SADP) (Fig. 13).

The morphology of the phases presented in the
Figs 14 and 15, has already been reported for some
ternary alloys such as Al-Fe-V, Al-Mn-Si [21, 22] and
some quaternary alloys such as Al-Fe-V-Si, Al-Fe-Mn-
Si [23–26]. In the ternary systems, these precipitates are
identified as an icosahedral phase whose thermal sta-
bility decreases with an increase in silicon content [24]

Figure 10 TEM observation of the boundary between two prior powder
particles (marker = 0.6 µm, alloy 165/1): one side presents a fine pre-
cipitation of silicides and the other shows fragments of cells produced
by the plastic shearing.

Figure 11 Other TEM observations of the boundary between two prior
powder particles (marker = 0.5 µm, alloy 165/1): one particle exhibits
a fine precipitation of silicides but conversely to Fig. 10 no shearing of
the composite precipitates is detected.

Figure 12 TEM observation of a gradual decrease of silicide size with
the distance to the particle boundary (bottom left corner to the top right
corner) due to changes in thermal regime (marker = 0.5 µm, alloy 205/1).
In the adjacent particle, the microstructure changes from some coarse
precipitates in the particle surface to a solid solution.

Figure 13 TEM observation of cell walls dispersed by the plastic defor-
mation (marker = 0.3 µm, alloy 165/1). The silicide phase is identified
by the size of the ring pattern of the SADP.

thus leading to cubic phase formation [22]. It is possi-
ble that, for the Al-Fe-Mo-Si alloys studied, the product
of the transformation was observed because the precip-
itates consisted of several cubic phase grains, as shown
in Fig. 15. Only one crystallite is under Bragg condi-
tion (〈001〉cubic zone axis). This small crystal seems
to grown from a central seed (see arrow).
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Figure 14 TEM observation of a dense precipitation of bulky silicides
(marker = 0.6 µm, alloy 205/1).

Figure 15 TEM observation of a precipitate (marker = 0.3 µm, alloy
205/1): the diffraction pattern obtained from the diffracting small grain
(arrow) corresponds to the (100) silicide plane.

4.2.2. Possible silicide formation
The different morphologies of the silicides presented
are related to the local variations of composition and/or
solidification rate. According to the shape and/or nature
of the inner core of the precipitate one can distinguish:
(i) nodular precipitates which develop radially from a
more or less visible seed; (ii) composite precipitates
with an inner core which is a mixture of an α-matrix
and a precipitated phase.

4.2.2.1. Nodular precipitates. The nodular precipi-
tates with radial development showed Figs 14 and 15
are formed by several crystallites of cubic phase. When
the selected area aperture completely covers the nodule,
the diffraction patterns obtained have interesting sym-
metries (Fig. 16a and b). These are respectively very
similar to the five and twofold symmetries observed in
the icosahedral phases.

However, according to the spot chosen in the diffrac-
tion pattern (Fig. 16a) in order to obtain the dark field,
different crystallites are placed in Bragg’s condition
(Fig. 16c and d) (this is in agreement with the observa-
tion of Fig. 15). This means that there is an orientation
relationship between the crystallites. These ones seem
to grow radially from a nucleation seed, which is some-
times visible (Fig. 15). Some orientation relationship
should be maintained during the change from an orig-

inal structure (that of the nucleus) to a body centered
cubic (that of the silicides) that was probably induced
by a reduction in the solidification rate.

In similar alloys, the seeds have been identified as
quasicrystals [22 and 25]. The icosahedral phases are
often represented as a three-dimensional aperiodic ar-
ray of Penrose rhombohedra, but it is also possible to
consider such phases as either the limit of a sequence
of periodic structures with ever larger unit cells (“ap-
proximants”) or as the disordered body-centered cubic
structure with a motif formed by Mackay icosahedron
[27]. For the Al-Mn-Si alloys [22], during the trans-
formation from disordered to ordered bcc structure, the
three edges of the cube are parallel to the three axes of
twofold symmetry of the icosahedron. The four 〈111〉
directions of the cube are parallel to the quasicrystal
threefold symmetry axes. Finally the fivefold symme-
try axis is very close to the 〈530〉 cubic direction. When
several crystallites have grown from a common seed,
the continuity at the interface quasicrystal seed/cubic
silicide leads to an orientation relationship such that the
icosahedral units are parallel one crystallite to another.
This could be expressed in terms of twinning around
an irrational axis [1τ0].

The formation of twinned structures does not nec-
essarily require an icosahedral seed. Because of to the
small size of the cores observed in these nodular precip-
itates, it was not possible to obtain a direct confirmation
of their crystallographic structure. However, in rapid so-
lidification, the cooling of the liquid is rapid enough to
freeze the disordered icosahedral clusters already prob-
ably present in the liquid state [28]. The final size of
the unstable quasicrystalline phase increases with the
quenching rate of the powders. This final size must then
range from atomic clusters [26] to micronic size precip-
itates. It is therefore possible to observe extreme exam-
ples where the solidification rate is either so high that
the nodules are completely constituted by an icosahe-
dral phase (confirmed by Benderski et al. [25] in the Al-
Mn-Si alloys and by Skinner et al. [21] in the Al-Fe-V
alloys) or where for lower solidification rate (this study)
the cubic phase is mainly detected. This confirms that
higher cooling rates are more readily achieved through
melt spinning than through centrifugal atomization.

4.2.2.2. Composites precipitates. Other than “ex-
treme” figures (pure icosahedron or pure body-centered
cubic), it is also possible to observe intermediate mor-
phologies. Mandal et al. [26], for instance, found
diffraction patterns where there was an overlap of sili-
cide rings and fivefold symmetry pattern from the icosa-
hedral phase. In the same way, aggregates observed in
Al-Fe-Mo-Si alloys (Fig. 17a) formed by coarse crys-
tallites around a coarse core gave rise to a threefold
symmetry diffraction pattern (Fig. 17b) with, near the
transmitted spot, a (111) pattern of the bcc phase. The
core will still diffract whatever the chosen spot, and this
will happen for the three axes of symmetry (black field
images 17c and d, are obtained respectively from the
two marked spots from the diffraction patterns 17b).
As suggested by Koskenmaki et al. [22] and Benderski
et al. [25], the central grain is probably a quasicrystal
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Figure 16 When the selected area aperture is larger than the precipitate (micrographs 16c and 16d), the diffraction patterns show symmetries close
to the observed ones in the icosahedral phases (five fold symmetry for 16a and two fold for 16b). Dark field images obtained by selection of two spots
A and B of the diffraction pattern 16a proving that each spot is produced by a different crystallite (marker = 0.25 µm, alloy 205/1).

or a mixture of icosahedral and cubic phases, the outer
crystallites could be put out of Bragg’s condition.

Since there is no reason for the icosahedral and body
center cubic phases to have the same composition, we
could think, as did Koskenmaki et al. [22], that the
quasicrystal would reject the excess of silicon and alu-
minum during its growth, this stabilizing the bcc phase
which will precipitate in a coherent way around the qua-
sicrystalline core. A second hypothesis can be found
in literature: during solidification, the quasicrystalline
phase is formed and grown in a liquid which solidifies
as the α-Al matrix. In subsequent cooling, the interdif-
fusion allows for the transformation of the periphery
of the quasicristal to an aggregate of crystallites having
a twinning relationship among them. The interface de-
pletion thus leads to the formation of an inner layer of
aluminum [29]. In the micrograph 17d, this inner layer
of aluminum is clearly visible. The rotations made to
pass from the [1̄τ0] plane (fivefold symmetry) to the
[τ̄ 210] plane (threefold symmetry) and finally to the
[1̄00] plane (twofold symmetry), accurately match the
theoretical values proposed by Chattopadhyay et al.
[30].

Other types of composites have been detected in these
Al-Fe-Mo-Si alloys. For instance, the silicide crys-

tallites of the aggregate presented in Fig. 9, did not
present any preferential orientation because the diffrac-
tion rings did not show any particular reinforcement.
Because the composites’ diameter was larger than the
foil thickness, the general aspect could be very vari-
able according to the surfaces position in comparison
with the precipitate center. It is made up of a shell of
fine silicide crystallites surrounding a core which is es-
sentially Al matrix (confirmed by SADP). Benderski
et al. [25] have observed the same type of morphol-
ogy in Al-Fe-Mn-Si alloys. The origin of the forma-
tion of such composites is not clear. Mandal et al.
[26] proposed that an amorphous phase nucleates and
then decomposes, rejecting alloy elements at the pe-
riphery thus producing an aluminum core surrounded
by silicides. The same authors suggest that this amor-
phous phase would be a precursor of the quasicrys-
talline phase. In order to be in agreement with Maret
et al. [28]’s calculations, it would be necessary for a
icosahedral short-range order packed by some atomic
clusters of the amorphous phase to exist. Indeed, it has
been recently found [31], that the short-range atomic
configuration in the amorphous phase of Al-Fe-Ce
alloys is very similar to that in the quasicrystalline
phase.
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Figure 17 Observation of a silicides aggregate (17a) and corresponding (111) threefold symmetry diffraction pattern (17b). The dark field images
(17c and d) are obtained from the two marked spots (A and B) of 17b (marker = 0.25 µm, alloy 125/1). It is possible to note the diffraction pattern
from the (111) plane (bcc). In the bright field micrograph (17a), an inner layer of aluminum can be noticed (marker = 0.17 µm).

5. Conclusions
Quaternary Al-Fe-Mo-Si alloys have been produced
through the rapid solidification route. A high yield
stress is expected from a fine dispersion of intermetal-
lic phases while a high thermal stability should result
from a low solubility and diffusivity of the transition
elements. The size of the dispersoids ranges between
50 nanometers and 0.8 micrometers with a mean value
larger than that noticed on AlFeVSi alloys produced
through planar flow casting. This weakness could be
overcome by improving the rapid solidification pro-
cess. These alloys exhibit strong microstructural in-
homogeneities which highlight not only changes in
thermal history within a particle but also differences
from particle to particle. The freezing conditions de-
pend on prior undercooling which is very much in-
fluenced by nucleation event. The absence of contact
with a mould wall and the small size of the parti-
cle will limit the number of potential nuclei. Hence,
the nucleation event is too random to be controlled
unless undercooling is high enough to prevent phase
precipitation.

The α-matrix and the cubic Al13(FeMo)3Si are de-
tected by XRD in the as atomized condition or af-
ter extrusion, the equilibrium Al12Mo phase in two
alloys after heat treatment. The silicide can exhibit
different morphologies. Its thermal stability is con-
firmed by the absence of the Al13Fe4 equilibrium

phase. One important conclusion from TEM observa-
tions is the link between five-fold symmetry SADPs
and twinned polycrystalline aggregates of cubic sili-
cides. Such a twinning is initiated on a seed and
imposed by the orientation relationship between the
seed and the silicide. This nucleus will have ei-
ther an amorphous or, most probably, a icosahedral
structure.

This study has shown that, due to the good thermal
stability of the silicide, high temperature associated
with an extrusion process is compatible with the rapid
solidification route used here. The next steps will be
firstly, to link the microstructure to the mechanical
properties of the consolidated material and secondly, to
quantify the influence of molybdenum on the thermal
stability of the silicide and on the ductility drop during
forming.
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